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ABSTRACT

Experiments have shown that high strength and high plastic stability are difficult to be simultaneously obtained
in crystalline-amorphous layered composites. Here we report a complete suppression of plastic instability in a
strong multilayered composite via nanoscale BCC Nb crystalline-amorphous CuNb interface architecting. Spe-
cifically, the size-dependent hardness and shear instability of the designed nanolayered composites are sys-
tematically investigated with individual layer thickness (h) ranging from 2 to 100 nm by nano/micro-indentation
tests. A mechanics model is also proposed to quantify the shear instability. A non-monotonic shear instability
behavior is revealed with decreasing h. When h > 40 nm, a cutting-like shear banding prevails in the composites
and the shear instability reduces with decreasing h. Finally, a homogeneous plastic deformation without shear
banding is achieved at h of 40 nm. For h < 40 nm, a kinking-like shear banding occurs in the composites and the
shear instability increases with reducing h. Further theoretical analysis reveals a critical layer thickness for
activating homogeneous deformation in the composites, i.e., 45 nm, above and below which the shear defor-
mation would be dominated by cutting-like and kinking-like shear banding, respectively. The cutting-like shear
banding is attributed to the propagation of the mature shear band formed in the amorphous phase that penetrates
the crystalline layer. The homogeneous plastic deformation can be ascribed to the activation of the confined layer
slip mechanism in the crystalline layer and the non-clustered shear transformation zones initiated in the
amorphous layer. The kinking-like shear banding below 40 nm may originate from the cooperative kinking of the
constituent layers with decreasing h. The potential advantage of the ductile BCC metals over FCC ones for
suppression of shear instability in crystalline-amorphous composites is discussed based on the unique dislocation
activities in nanoscale BCC crystals (e.g., self-multiplication and significant cross-slipping mechanisms). The
present study sheds some light on designing strong and ductile crystalline-amorphous composites by selecting an
appropriate BCC crystalline phase and an optimal interface spacing to eliminate plastic instability.

1. Introduction

improve the tensile ductility of MGs. One promising route is to form the
crystal-amorphous composite by embedding ductile crystalline phases

Amorphous alloys, or metallic glasses (MGs), have attracted exten-
sive attention during the past few decades because of their excellent
mechanical properties, such as ultrahigh hardness, high fracture
toughness, good elastic deformation ability and excellent wear resis-
tance [1-3]. However, MGs usually exhibit nearly zero macroscopic
tensile ductility at room temperature due to the formation of cata-
strophic shear banding within a narrow region [4], which extremely
limits their structural applications [5]. A lot of efforts have been made to

into the glassy matrix [6,7], stacking crystalline and amorphous nano-
layers [8,9], and architecting supra-nano-dual-phase structure [10,11].
These studies demonstrated that the tensile ductility of the MG com-
posite can be increased to ~ 4-14 % through dislocation slip [8], phase
transformation or twinning in the crystalline phase [6], and shear band
(SB) multiplication in the amorphous phase [10].

In particular, crystalline/amorphous (C/A) nanolayered (NL) com-
posites have attracted great scientific interests in recent years due to
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their excellent performance in overcoming the strength-ductility trade-
off [12]. The pioneering work was carried out by Wang et al. [8], who
synthesized a 35 nm crystalline Cu/5 nm amorphous CuZr NL composite
by magnetron sputtering. Surprisingly, the tensile ductility of the com-
posite reached as high as 13.8 % in room temperature tensile tests and a
high yield strength of ~1.1 GPa was obtained simultaneously. Similarly,
Kim et al. [9] achieved a high tensile strength (2.513 GPa) and tensile
deformability (4 %) in a sputtered 112 nm amorphous CuZr/16 nm
crystalline Cu NL composite, which is about 3 times more deformable in
terms of plastic strain than pure CusgZrso MG. The tensile ductility of the
mentioned Cu/CuZr NL composites is even far greater than the reported
values (~1-3%) of crystalline/crystalline (C/C) NL composites, such as
Al/Ti [13], Cu/Ag [14] and Cu/Nb [15].

Generally, the excellent tensile plasticity of the C/A composites can
be attributed to two reasons. The first one is that the crystalline layer can
constrain the deformation of the amorphous layer through dislocation
activities which accommodate the kinetic energy carried by SBs gener-
ated in the amorphous layer [9]. The second one is that the C/A inter-
face, as a special heterogeneous interface, is able to act as both an
obstacle for dislocation movement to strengthen the materials and an
effective site for emitting and absorbing dislocations [8], enabling a
dynamic cycle in the generation and annihilation of dislocations and in
turn enhanced plastic deformation in the composite.

So far, most studies have focused on C/A NL composites with face-
centered-cubic (FCC) crystalline phases, such as Cu/CuZr [8,9,16,171,
Cu/CuNb [18,19], Al/SiC [20-30], Cu/PdSi [31,32], and other systems
[33,34], since the soft FCC crystalline layer can well restrict the strain
localization of the amorphous layer and thus improve the deformability
of C/A NL composites [9]. However, the introduction of a soft crystalline
phase also brings two significant drawbacks. One is that the strength of
these C/A NL composites is very limited and is difficult to reach that of
the amorphous phase in most cases [18,35], and another one is the
deformation incompatibility between the soft crystalline and amorphous
constituent layers that induce severe plastic instability during micro-
pillar compression and indentation [16,21,22,25,26,36]. The origin is
that the soft crystalline phase dominates the deformation due to the
strong mechanical contrast between the soft crystalline layers and the
hard amorphous layers.

For example, Chawla et al. [21] have demonstrated that the plas-
ticity of Al/SiC NL composites was mainly accommodated by the
deformation of the Al layers due to the strength disparity between the
two constituent phases, while the damage took place in the form of
localized cracking in the SiC layers and void nucleation and growth in
the Al layers under nanoindentation tests. Moreover, by finite element
modeling, they revealed that a large stress contrast exists between the
soft and hard layers during indentation, and that the observed high local
tensile stress in both the radial and transverse directions is responsible
for the cracking in the SiC layers and the void nucleation in the Al layers
[21]. Furthermore, Sun et al. [22] performed a nanoindentation study in
combination with a transmission electron microscopy (TEM) on the
same system. Their results showed that kink bands were formed at the
sites of large bending strains, leading to cracking in the brittle SiC layer.
In addition, Chawla and his co-workers [25,26] reported strong extru-
sion of the soft Al layers in the same system through micropillar
compression tests at both room and high temperatures. It was found that
the plastic instability was initiated from the fracture of the SiC layer and
then the catastrophic failure occurred once multiple SiC layers fractured
when the pillar was no longer able to bear the applied load [25]. In
addition, the significant extrusion of the soft phase was also detected in
Cu/CuZr system with a larger layer thickness (>50 nm) during micro-
pillar compression tests, which was attributed to the much higher
deformation borne by the Cu layers than the amorphous CuZr layers
[16]. Also, the strong extrusion of the Cu layers indicates a premature
failure of the layered interfaces, as suggested by Li et al. [37,38].

The above-mentioned typical plastic instabilities (kink bands and
SBs) have also been reported by the research group at Los Alamos
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National Laboratory in other C/C and C/A NL systems including Cu/Nb
[39-44], Al/TiN [44] and Al/Si [45] composites under nanoindentation
and micropillar compression. For example, Bhattacharyya et al. [39]
proposed that in Cu/Nb system the nanoindentation would cause a stress
concentration and rotate the constituent layers, which brings the
appropriate slip system into an easy shear direction and suddenly causes
shear instability. While in micropillar compression, the shear banding in
Cu/Nb system is attributed to the collective rotation and sliding of the
layers since the interface blocks the dislocation transmission [43].
Recently, Sahu et al. [45] studied the mechanical behavior of Al/a-
morphous Si NL composite by nanoindentation and micropillar
compression. They found that the soft Al phase was preferentially
thinned down in between the brittle Si phases due to the significant
strength difference between the two constituent phases. SBs were
observed in the localized regions of the thin Si layers, resulting in a
catastrophic failure of the brittle Si layer. This finding is similar to the
damage mode in the Al/SiC NL composites as discovered by Chawla
et al. [21].

Therefore, choosing a suitable crystalline phase with high strength
and profuse slip systems (e.g., Ta, Nb, Cr, etc. with body-centered cubic
(BCC) lattice structure) to design high-performance C/A NL composites
becomes a potential route to further enhance the strength of the C/A
composites while simultaneously increasing the plasticity. One typical
example is that the amorphous ZrCuTi/crystalline Ta NL composites
exhibited better plasticity and higher yield strength compared with the
monolithic amorphous ZrCuTi alloy under micropillar compression, as
reported by Chou et al. [46]. Recently, through uniaxial tensile tests, Gu
et al. [47] demonstrated that the cracks generated in amorphous
Zre1Cuy7.5NippAly 5Si4 alloy can be completely suppressed by the intro-
duction of the crystalline Ta layer to form the C/A NL composites. The
mentioned experimental works preliminary confirmed that the intro-
duction of a BCC phase is a feasible way to design C/A NL composites
with high strength and high plasticity. However, the studies about C/A
composites with BCC crystalline phase are few and limited to the effect
of the hard BCC crystalline layer (metal Ta) on the compression plas-
ticity [46] or tensile plasticity [47] of the C/A composites. The rela-
tionship between the mechanical properties and the deformation
mechanism of the C/A NL composites with BCC crystalline phase and the
layer thickness of the component still lacks a systematic study. In
addition, whether the relatively soft BCC crystalline layer (e.g., Nb)
compared with Ta is still capable of suppressing the propagation of SBs
in the MGs layers remains to be determined. The present work aims to
answer these questions by investigating the size-dependent mechanical
behavior of the C/A composite.

Here the BCC crystalline Nb-amorphous CuNb system is selected to
architect the C/A NL composite. The main motivations are as follows:
(1) The strength of Nb with BCC lattice is much larger than that of Cu
with FCC lattice (e.g., the yield strength Nb film is about 78 % higher
than that of Cu film, i.e., 1.6 GPa and 0.9 GPa for Nb and Cu films,
respectively [48]), which makes Nb as a feasible choice of crystalline
layer for developing high-strength C/A NL composites; (2) The intro-
duction of the stronger crystalline layer reduces the mechanical contrast
between the crystalline and amorphous layers, which is helpful to sup-
press the premature failure of the layered interfaces; (3) Previous
research mainly focused on the binary amorphous system with negative
mixing enthalpy (such as CuZr and PdSi). The binary amorphous systems
with positive mixing enthalpy (such as CuNb) are rarely considered.

In this work, crystalline Nb/amorphous CuNb composites with layer
thickness h varying from 2 to 100 nm were synthesized by magnetron
sputtering. The size-dependent hardness and shear banding (shear
instability) behavior of the composites were systematically studied by
nano and micro-indentation tests, respectively. It was found that the
hardnesses of composites increase with decreasing h, approaching a
maximum (8.57 GPa) at h of a few nanometers (below 10 nm) and then
exhibiting size independence. The maximum hardness of the composites
is comparable to that of the amorphous component (8.45 GPa).
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Intriguingly, our micro-indentation tests revealed a non-monotonic
behavior of shear instability, that is, the degree of shear instability de-
creases as the layer thickness decreases at large h (h > 40 nm), but it
increases with decreasing layer thickness at small h (h < 40 nm). The
above non-monotonic size-dependent shear instability leads to homo-
geneous plastic deformation in the composites with a medium h (h = 40
nm).

2. Materials and experiments

The crystalline Nb/amorphous CuNb (Nb/a-CuNb) NL composites
were deposited on Si (100) substrate with a natural oxide layer by direct
current magnetron sputtering (PTL6S PVD system) at room temperature.
The purity of the Cu and Nb targets used for deposition are 99.99 % and
99.95 %, respectively. The base pressure of the vacuum chamber was 5
x 107° Pa and an Ar pressure of 0.3 Pa was used during deposition. The
power used for Cu and Nb targets were 67 W and 150 W, respectively,
resulting in a deposition rate of 0.1355 nm/s for Cu and 0.1379 nm/s for
Nb. The amorphous CuNb layer was deposited by co-sputtering the Cu
and Nb targets. The target alloy composition is CuggNby4g (atomic frac-
tion). A series of Nb/a-CuNb NL composites (h = 2, 5, 10, 20, 40, 65,
100 nm) were prepared. The thicknesses of the constituent layers in the
composites are equal (h = hxp = h,_cunp)- A Nb layer was deposited on
the Si substrate as the first layer and an amorphous CuNb layer was as
the cap layer in all composites. The total thickness of the composites
with h > 20 nm is ~2 pm, while that with h < 20 nm is ~1.2 pm. Also,
monolayer Nb and amorphous CuNb films with a total thickness of 1.2
pm were also prepared for comparison. The crystallographic orientation
of the films was characterized by X-ray diffraction (XRD, Bruker
Advance D8). The cross-sectional microstructures before and after
deformation and the composition of all the composites were examined
by using TEM and scanning TEM (STEM) on a Talos F200X G2.

The hardness and the elastic modulus of all the composites were
measured by nanoindentation (Agilent G200, Berkovich tip with a
radius of ~50 nm) by using the continuous stiffness measurement (CSM)
mode with a constant strain rate of 0.05 s~!. The maximum indentation
depth was 350 nm. Six indentations were performed for each sample to
obtain the average hardness and standard deviation. The size-dependent
shear banding behavior of the Nb/a-CuNb composites was tested by
microindentation (Shimadzu HMV-G20ST) at room temperature. A
microindentation load of 50 g was applied with a holding time of 5 s. The
morphology of all samples induced by microindentation was charac-
terized by scanning electron microscopy (SEM, Tescan Mira 3). After
microindentation tests, the TEM lamellae of the indented region of the
deformed samples were prepared by focused ion beam milling (FIB, FEI
Helios NanoLab 600i).

3. Results
3.1. Microstructure of Nb/a-CuNb composites

Fig. 1 shows the XRD patterns of the as-deposited Nb/a-CuNb com-
posites with different h and the monolayer Nb and amorphous CuNb
films. It can be clearly seen that the monolayer CuNb film shows typical
amorphous characteristics with a wide hump diffraction (see the inset in
Fig. 1). The amorphous hump in the CugoNbs4¢ film appears at ~40°,
which is close to the diffraction angle for the amorphous hump in
amorphous CusoNbsg as reported by Fan et al. [18], i.e., ~39°. In
principle, four diffraction peaks can be detected using XRD for poly-
crystalline Nb, i.e., (110) at ~ 39°, (200) at ~ 56°, (211) at ~ 70° and
(220) at ~ 83°. It can be noted that the monolayer Nb film and all
Nb/a-CuNb composites exhibit strong Nb (110) diffraction peaks, indi-
cating that the films grow with a preferred (110) texture. No obvious
(200) peak was observed at 56° may be attributed to the scarce (200)
texture in the as-deposited Nb films, which can be confirmed by the
selected area electron diffraction (SAED) patterns for the as-deposited
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Fig. 1. XRD patterns of the Nb/a-CuNb NL composites with h varying from 2 to
100 nm and the monolayer Nb and amorphous CuNb films. All composites
indicate a strong Nb (110) texture which is consistent with that detected in the
monolayer Nb film. The inset shows a typical amorphous hump in the amor-
phous CuNb film.

Nb/a-CuNb samples, where the (200) texture diffraction spot is faint
(see Supplementary Fig. 1). Similarly, only one Nb (110) peak was
detected by 26 diffraction range of 20°-60° in the as-deposited Cu/Nb
NL composites [48]. In addition, the intensity of the (111) peak gradu-
ally decreases while the diffraction peaks gradually broaden with
decreasing h, and the Nb (110) peak almost disappears at h = 2 nm and
shows characteristics similar to that of the amorphous sample. The
gradual broadening of the Nb (110) diffraction peak with the reduction
of h can be attributed to the refined grain size in the crystalline Nb layers
as h decreases.

The cross-sectional microstructures of the as-deposited Nb/a-CuNb
NL samples were characterized by TEM as shown in Fig. 2. The repre-
sentative bright-field TEM images of the samples with h = 100 nm
(Fig. 2a), 40 nm (Fig. 2d) and 5 nm (Fig. 2g) show a modulated layer
structure with clear interfaces. The SAED patterns in Fig. 2a, d, and 2g
show a diffuse amorphous ring brought by the amorphous CuNb layer
and a sharp bright spot of Nb (110), which are consistent with the XRD
results. The corresponding high-angle annular dark field-STEM
(HAADF-STEM) images (Fig. 2b, e and h) reveal that the columnar
polycrystalline grains in Nb layer grow along the thickness direction.
The high-resolution TEM (HRTEM) images of the samples with h = 100
nm, 40 nm and 5 nm are given in Fig. 2¢c, f and i, respectively, which
definitely display the distinguishable interfaces of the C/A composites
without intermixing. The fast Fourier transform (FFT) patterns of the
white-framed position in the insets of Fig. 2c and f indicate the intrinsic
crystalline and disordered structure for the Nb and the amorphous CuNb
layers, respectively.

Based on the TEM observations, the measured individual layer
thicknesses of Nb and amorphous CuNb layers and the grain size of the
Nb layers of all samples (h = 2, 5, 10, 20, 40, 65, 100 nm) are presented
in Table 1 and Fig. 3, respectively. It can be found that the actual
thicknesses of the constituent layers are close to the nominal thickness.
Besides, the grain size of crystalline Nb layers increases with increasing h
(Fig. 3h). In particular, the grain size is smaller than the layer thickness
at large layer thickness (Fig. 3a and b), whereas the grain size is
consistent or slightly higher than the layer thickness in the composites
with relatively small layer thickness (Fig. 3c-g). For example, the grain
size is 76.8 + 2.5 nm for h = 100 nm (Fig. 3a) and 64.6 + 1.8 nm for h =
65 nm (Fig. 3b), whereas the grain size is 50.4 + 0.7 nm for h = 40 nm
(Fig. 3c) and 11.3 + 0.3 nm for h = 5 nm (Fig. 3f). This statistical result
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Fig. 2. Cross-sectional TEM micrographs of the as-deposited Nb/a-CuNb NL composites. (a) (d) and (g) are representative bright-field TEM images of the samples
with h = 100 nm, 40 nm and 5 nm, respectively. The insets are the corresponding SAED patterns. (b), (e) and (h) are HAADF-STEM images of the corresponding
samples. The HRTEM images of the samples with h = 100 nm (c), 40 nm (f) and 5 nm (i) show the interfacial structures between the Nb and the amorphous CuNb
layers. The insets in (c) and (f) are the corresponding FFTs for both the crystalline Nb and the amorphous CuNb structures.

Table 1
The measured layer thicknesses of all Nb/a-CuNb samples.

Samples Layer thickness (nm)
Nb a-CuNb

h =100 nm 92.8 +1.2 88.6 + 2.0
h = 65 nm 63.2 + 2.5 59.9 + 2.7
h = 40 nm 39.1+11 36.2+1.0
h =20 nm 20.8 +1.1 17.1 +1.1
h =10 nm 10.2 +£ 0.7 8.2+ 0.5

h=5nm 4.7 £ 0.4 41+ 0.5

h=2nm 2.8+0.3 1.5+ 0.2

suggests that the grain size in the as-deposited Nb/a-CuNb NL com-
posites is strongly dependent on and constrained by the thickness of the
constituent layer.

3.2. The hardness of the Nb/a-CuNb composites

Fig. 4a and b presents the hardness (H) and modulus (E) of the Nb/a-
CuNb composite, the monolayer Nb and amorphous CuNb films as a

function of the indentation depth, respectively. The hardness curves of
all Nb/a-CuNb samples show a similar trend, i.e., the hardness decreases
rapidly as the depth increases to ~50 nm due to the size effect of
nanoindentation. Subsequently, the hardness reaches a nearly plateau
region and does not change significantly with further penetration of the
indenter. However, it can be found the hardness of the monolayer Nb
film shows a remarkable increase after the plateau region (~50-150
nm). The observed increase in hardness can be attributed to the influ-
ence of the substrate because the Nb film is relatively soft that yields at a
much smaller load compared to the Nb/a-CuNb composites and the
amorphous CuNb film, resulting in an earlier substrate effect in the
hardness-depth curves of the monolayer Nb film [49]. In contrast, the
elastic modulus of all samples exhibits the same trend, i.e., increases
slowly with increasing the indentation depth because of the effect of Si
substrate with higher stiffness. According to Saha and Nix [49], the ef-
fect of the substrate hardness on the film hardness can be ignored in the
case of soft films on hard substrates because the plastic deformation was
contained only in the film before the indenter perpetrated to the sub-
strate. Thereby, the average values of the plateaus in
hardness-displacement curves can be adopted as the intrinsic hardness
of the composites [49]. The modulus of the composites is calculated
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Fig. 4. Representative indentation depth dependent nano-hardness (a) and modulus (b) in the Nb/a-CuNb composites of various layer thicknesses (h = 100, 65, 40,
20, 10, 5 and 2 nm). Those of the monolayer Nb and amorphous CuNb films are also included for comparison.

using the data in ~10 % indentation depth of the total film thickness
(100-150 nm, in which depths the substrate effect is insignificant). The
obtained hardness and elastic modulus of the Nb/a-CuNb composites are
presented in Table 2. It can be seen that hardness increases significantly
as h decreases from h 100 to 10 nm, indicating a strong size effect.
However, the hardness only shows a negligible change with the further
reduction of the layer thickness to 2 nm, showing a size-independent
behavior. The elastic modulus of the Nb/a-CuNb composites with
different layer thicknesses does not vary significantly (Table 2).

To more clearly show the size-dependent strengthening effects of the
Nb/a-CuNb with BCC/A system, the hardness as the function of h~1/? is
plotted in Fig. 5. Besides, the hardnesses of other reported NL metallic
composites, including X/Nb systems (X = Cu [50], Ag [51], Al [52], and
Mg [53]), FCC/A (Cu/a-CuNb [18], Cu/a-CuZr [54]) and HCP/A
(Zr/a-CuZr [55]) systems, are presented for comparison. First, it can be
noted the hardness of the Nb/a-CuNb composites reaches a peak plateau
as h is reduced to 5 nm (8.57 GPa) which is even higher than that of the
amorphous CuNb film (indicated by the red horizontal dashed line) and
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Table 2

Nanoindentation measured hardness (H) and elastic modulus (E) of the Nb/a-
CuNb composites in different layer thickness (h), those of the amorphous
CuNb and Nb films are also included.

Samples Nano-hardness, H (GPa) Elastic modulus, E (GPa)
h =100 nm 6.46 £+ 0.15 116 + 4
h = 65 nm 6.75 £ 0.10 116 £3
h = 40 nm 6.92 + 0.09 122 + 2
h =20 nm 7.54 £ 0.14 127 +1
h =10 nm 8.32 £0.23 130 +£1
h=5nm 8.57 £ 0.14 125+ 2
h=2nm 8.56 + 0.13 127 +£1
CuNb film 8.45 + 0.15 129 +1
Nb film 5.44 £ 0.19 124 £ 3
9.0 F 10 am 5 nm 2nm
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Fig. 5. Hardness of the Nb/a-CuNb composites as the function of h~'/2. The
hardness of FCC/A systems (Cu/a-CuNb [18], Cu/a-CuZr [54]), HCP/A
(Zr/a-CuZr [55]), and X/Nb systems (X = Cu [50], Ag [51], Al [52], and Mg
[53]) are also included for comparison.

much greater than the calculated value based on the rule of mixtures
(ROM), Hrom = Ha_cunb Va—cunb + Hyp Vp = 6.95 GPa, where V,_cunp
and Vyp are the corresponding volume fraction of the amorphous CuNb
and Nb layers, respectively. This finding is similar to that observed in the
Cu/a-CuZr [54] composites but is significantly different from the
Cu/a-CuNb composites, the peak hardness of which is much lower than
that of the amorphous CuNb film [18], as shown in Fig. 5. Second,
compared with the C/C composites with X/Nb systems (e.g., Nb/Mg and
Nb/Cu), the Nb/a-CuNb system shows no softening phenomenon, i.e.,
the strength decreases at the small h. Furthermore, compared with the
C/A system (e.g. Zr/a-CuZr [55]), the Nb/a-CuNb composites show a
much higher peak hardness. The higher peak hardness of the Nb/a-CuNb
composites can be attributed to the higher hardness of the amorphous
CuNb film (8.45 GPa) than the amorphous CuZr (6.49 GPa) films. Be-
sides, unlike the Cu/a-CuNb composites reported by Fan et al. [18],
which exhibit a weak strengthening effect, i.e., the hardness of the
composites reaches a peak value at a large layer thickness (h = 50 nm)
and does not increase further as h decreases, and the peak hardness is
significantly lower than that of its hard phase, i.e., the amorphous CuNb
layer. The authors attributed this unusual phenomenon in Cu/a-CuNb
composites to the formation of a medium-range-ordered semi--
crystalline structure in the amorphous CuNb layer near the C/A interface
[18]. This medium-range order structure typically shows a middle peak
in the XRD patterns as reported in Cu/a-CuNb [18] and Ag/Ni [56].
However, no obvious medium-range order interfacial layer is generated
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by atomic segregation or mutual solubility between the Nb and amor-
phous layers, which can be confirmed by the XRD results (Fig. 1) and the
TEM images (Fig. 2). Thus, the interfaces of the present Nb/a-CuNb
composites are definitely sharp, which might be responsible for the
strong strengthening effect in the Nb/a-CuNb composites.

3.3. The shear instability of the Nb/a-CuNb composites

Fig. 6 shows typical morphologies of the Nb/a-CuNb composites with
h varying from 100 to 2 nm after microindentation tests under a load of
50 g for 5 s. The indentation morphologies of the amorphous CuNb and
Nb films are also presented for comparison. It can be found that a large
amount of regular-shaped circular pileups occur on the indentation
surface in the amorphous CuNDb film, as denoted by the white arrows in
Fig. 6a. It is generally believed that the circular-shaped pileups formed
around the residual indent are induced by the formation of SBs in the
internal of the materials [57,58]. The formation of abundant SBs rep-
resents the intrinsic brittleness of the amorphous solids as demonstrated
by many experiments [4]. In contrast, there are only plastic pileups
without SB in the Nb film (Fig. 6b), indicating a much better capability
to resist shear instability (shear localization) than the amorphous film.
For metallic multilayers, the circular-shaped pileups around the indent
result from the accumulation of the shear deformation from the con-
stituent layers along the shear stress direction [58]. Therefore, the more
severe the shear deformation (shear instability), the more obvious the
circular-shaped pileup would be around the indent. Then, it is clear from
Fig. 6 that the shear banding behavior of the Nb/a-CuNb composites
shows a strong size dependence and a non-monotonic resistance to shear
instability as the layer thickness decreases from 100 to 2 nm. Specif-
ically, the SEM images show that several SBs appear around the
indentation surface of the composite with h of 100 nm, as marked by the
white arrows in Fig. 6¢ and plotted in Fig. 7. When h decreases from 100
to 40 nm, the SB morphology changes from a circular shape to slightly
wavy, as shown in Fig. 6¢c—e. This implies that the shear deformation
becomes weaker, and that the shear instability of the composites is
reduced as h decreases in the range of h > 40 nm. Note that the shear
banding behavior becomes the weakest at h = 40 nm (Fig. 6e). Almost no
SBs appear in the 40 nm sample. However, when h further reduces from
40 to 2 nm, the indentation-induced shear banding becomes more and
more obvious (Fig. 6e-i), and the number of SBs is increased with
decreasing the layer thickness (Fig. 7). For example, only two regularly
shaped circular SBs are formed in the 20 nm sample. Yet, the number of
SBs is increased to be as high as 6, 7 and 15 in the 10 nm, 5 nm and 2 nm
samples, respectively, as illustrated in Supplementary Fig. 2. These
circular SBs are similar to those in the C/C layered composites with
small h [57]. The comparison of the indentation morphologies of the
Nb/a-CuNb composites and that of the amorphous CuNbD film show that
the resistance to the shear instability of the former is much higher than
the latter, indicating that the C/A structure with BCC crystalline phase is
beneficial to reducing plastic instability. Especially, the above
non-monotonic layer thickness dependence of the shear instability leads
to an optimal resistance to shear instability in the composites with h =
40 nm. Such phenomenon is distinctly different from the shear banding
behavior of the C/C composites, where the shear instability increases
with reducing h [36,59-61].

To explore the deformation inside the SBs of the Nb/a-CuNb com-
posites, the cross-sectional TEM images of the composites with h of 100,
65, 40, 20 and 5 nm after microindentation tests were characterized. It
can be noted that three SBs, here denoted by SB1, SB2 and SB3 as
marked by the yellow dotted rectangles, are generated beneath the in-
dentations of the 65 nm (Fig. 8b) and 100 nm (Fig. 8e) samples. The
three SBs continuously cross through multi-constituent layers. Also, the
end position of the SBs of the 100 nm sample is much closer to the Si
substrate than that of the 65 nm sample, which indicates that the SBs of
the former occurred a longer shear displacement in the composites than
the latter. Besides, it can be found that the degree of the shearing and
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Fig. 6. SEM images of the microindentation morphologies of the monolayer amorphous CuNb film (a), the Nb film (b), and the Nb/a-CuNb composites with h of

100-2 nm (c—i). All films were indented under a load of 50 g for 5 s.
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Fig. 7. The variation of the number of shear bands with the layer thickness.

twist of the kinked zone in the 65 nm sample is less than that of the 100
nm sample. Interestingly, the SBs of the composites with h = 100 nm and
h = 65 nm share common features: (i) the layers of the SB region are
kinked toward the squeezed direction resulting in a sharp twist, (ii) the
originally flat interfaces are severely sheared to form sharp angles,
which produces a highly concentrated deformation in a narrow region,
as shown in Fig. 8c and f. This deformation is referred to as a cutting-like

shear banding, which can be clearly recognized by the EDS mappings for
the 100 nm sample (Fig. 8g).

Fig. 9 shows the cross-sectional TEM observation deformation of the
40 nm sample after microindentation of 50 g for 5s. Note that the con-
stituent layers under the indenter exhibit homogeneous plastic defor-
mation along the indentation radial direction without any shear banding
(see Fig. 9b). The deformation topography of the constituent layer at
higher magnification under microindentation also confirms the absence
of shear banding (Fig. 9c and d). Furthermore, the plastic strain of each
constituent layer under the indenter along the white arrow line in Fig. 9¢
is calculated by (h—hg)/h, where h and h, are the measured layer
thickness before and after deformation, respectively. A minimum of 12
measurements for each layer were made in the deformed range of ~1 pm
in Fig. 9c. It is interesting to observe that the plastic strains of the
amorphous CuNb and Nb layers in the same bilayer periods are very
close with the penetrate of the indenter, as shown in Fig. 9e. This means
that the contribution of the hard amorphous CuNb layer to the overall
deformation is comparable to that of the soft Nb layer, thus achieving a
homogeneous plastic deformation.

To further confirm the homogeneous deformation that occurred in
the 40 nm sample, additional micro-indentation tests were made using
the same load of 50g. It can be seen that the morphologies of the micro-
incidents (see Supplementary Fig. 3) produced by the new six inde-
pendent tests are consistent with that in Fig. 9a. One of the newly pro-
duced micro-indents as a whole (Fig. 10a), instead of the half indent
used in the TEM characterization (Fig. 9), was cross-sectioned by FIB
and characterized by a field emission SEM. Some stepwise pileups can be
observed around the indent (Fig. 10a), which is consistent with the
morphology of the micro-indent in Fig. 9a. However, no obvious SBs are
detected from the cross-sectional image and only some slight kink of the
constituent layers occurs in the region near the sample surface
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Fig. 8. Cross-sectional observations of the shear bands (SBs) in the Nb/a-CuNb samples with h of 65 and 100 nm. (a, d) Microindentation morphologies of the
composites with h = 65 nm (a) and 100 nm (d) under a load of 50 g for 5s. (b, e) The corresponding cross-sectional TEM images, both of which show three SBs in the
two samples. (c, f) The magnified images of the SBs from (b) and (e), respectively. (g) High magnification dark-field STEM image and the corresponding EDS
mappings of the shear banding region for 100 nm sample, showing the sharply localized shearing deformation. The white lines in (a) and (d) designate where the

cross-sectional TEM lamellae were taken.

(indicated by arrows in Fig. 10b and c). The slight kink is produced by
the rotation of the constituent layers under the constraint of the conical
indenter [39]. Thus, the observed stepwise pileups on the sample surface
correspond to the slight kinking of the constituent layers near the sample
surface, instead of SBs. It should be noted that the morphology of
micro-indents in different tests may vary slightly but roughly the same as
shown in Supplementary Fig. 3. Thus, the absence of similar kinks in the
TEM characterization (Fig. 9b) can be attributed to ignorable pileups
around the cross-sectioned half indent (Fig. 9a). The slight difference of
the deformed microstructure between Figs. 9 and 10 comes from the
very small variation of the different indents. Consequently, this result
(Fig. 10) is qualitative consistent with the TEM observation shown in
Fig. 9, which further evidences the strong suppression of shear banding
at h = 40 nm.

The cross-sectional TEM images of the internal deformation of the
Nb/a-CuNb composites with h = 20 nm and 5 nm after microindentation
are presented in Fig. 11. It can be seen that two long SBs (marked by the
yellow dotted rectangles) appear in the 20 nm sample (Fig. 11b), while
one long SB and two short SBs are generated in the 5 nm sample
(Fig. 11e). Furthermore, the TEM images of the longest SB of the 20 nm
sample (Fig. 11c¢) and 5 nm sample (Fig. 11f) at higher magnifications
show that the shear deformations of the two samples are similar, that is,
the constituent layers are synergistically kinking along the shear direc-
tion and produce large shear displacements in the sheared region. This
shear mode is named a kinking-like shear banding. This kink band has
also been observed in thin film Al/SiC [21,22,29] and bulk Cu/Nb [44]
NL composites under micropillar compression and nanoindentation.
During micropillar compression, the Al/SiC and Cu/Nb composites are

prone to form kink bands when the load direction is parallel or has a
specific angle to the interface due to the large strength difference be-
tween the soft and hard layers. Moreover, Mayer et al. [30] suggested
that kinking or buckling-mediated plasticity instability can be influ-
enced by the geometry of the initial waviness of the interfaces as
revealed by a microstructure-based three-dimensional finite element
modeling. Note that the interfaces of the present Nb/a-CuNb composites
are nearly perfectly flat planes (see Fig. 2), which is distinguished from
the wavy interfaces as observed in the Al/SiC composites [30]. Besides,
the kink band detected in the Al/SiC NL composites under both nano-
indentation and micropillar compression leads to cracking in the brittle
SiC layer [22,25]. This kink banding mechanism is totally different from
those discovered in the Cu/Nb [44] and the present Nb/a-CuNb NL
composites, in which the constituent layers exhibit a synergetic bending
without cracking or voids formation, hence the lamellar structure of the
material preserved and the interfaces maintain intact (Fig. 11g). These
findings demonstrate that the shear banding behaviors of the samples
with smaller layer thicknesses (i.e., h = 5 nm and 20 nm) are obviously
different from those with larger layer thicknesses (e.g., h = 100 nm and
65 nm).

3.4. A mechanics model of quantifying the shear deformation

Microindentation results have revealed two shear banding modes in
large and small layer thickness ranges, i.e., cutting-like shear banding
(Fig. 8g) and kinking-like shear banding (Fig. 11g). Note that the layers
within the SB gradually transform from slight kinking to sharply
shearing from the bottom to top regions in the 100 nm sample (Fig. 12a),
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Fig. 9. (a) Microindentation morphology of the Nb/a-CuNb sample with h = 40 nm under a load of 50 g for 5 s. (b) Cross-sectional HAADF-STEM image of the
indented region shows homogeneous plastic deformation. (c) Enlarged image of the compressed region as designated by the white box in (b). (d) Magnified
observation of the pile-up area as designated by the red box in (b). (e) Plastic strain of each constituent layer along the arrow indicated in (c). The white line in (a)
indicates where the cross-sectional TEM lamella was taken. (For interpretation of the references to colour in this figure legend, the reader is referred to the Web

version of this article.)

| pm

Fig. 10. The cross-sectional observation of the micro-indent after loading of 50 g in the Nb/a-CuNb sample with h = 40 nm. (a) SEM image of the morphology of the
micro-indent. (b) Cross-sectional SEM image of the micro-indent. (¢) and (d) The enlarged images of the regions as indicated by the white boxes in (b).

while the layers are always in the form of bending in the 5 nm sample
(Fig. 12b). Although the shear banding modes are different in large and
small layer thickness samples, the deformation that occurred inside the
SB can both be considered to be mainly induced by shear stress given
that the tilt angles of the SB formed in 100 nm (49°, Fig. 12a) and 5 nm
(53°, Fig. 12b) samples are close to 45°, at which the shear stress reaches
the maximum. Hence, to simplify and quantitatively compare the
magnitude of the shear deformation of the Nb/a-CuNb composites with

different layer thicknesses, a unified mechanics model (Fig. 12c and d)
based on a pure shear stress state is proposed to describe the two shear
banding modes.

Due to the nature of the layered stacking of the composite, the shear
deformation within the SBs in NL composites results from the accumu-
lation of shear deformation in each constituent layer. Thus a geometric
model (Fig. 12¢) of the SB is established firstly to analyze the defor-
mation of each constituent layer within the SB [58]. Specifically,
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Fig. 11. Cross-sectional morphology of the shear bands (SBs) in the Nb/a-CuNb samples with h of 20 and 5 nm. (a, d) Microindentation morphologies of 20 nm (a)
and 5 nm (d) samples under a load of 50 g for 5s. (b, e) The corresponding cross-sectional TEM images of the indented region show two SBs in the 20 nm sample (b)
and three SBs in the 5 nm sample (e). (c, f) The magnified images of SB1 of the two samples. (g) High magnification dark-field TEM image and the corresponding EDS
mappings of the shear banding region of the 5 nm sample, showing the multi-layer synergistic bending-induced SB. The white lines in (a) and (d) denote where the

cross-sectional TEM lamellae were taken.

considering that the two types of SB generally exhibit similar geomet-
rical features under pure shear stress, i.e., the kinking of multiple layers
forms a narrow area with a specific width and angle, defined as the
width of the SB (wgp) and the tilt angle of the SB (), respectively. The
shear banding would induce a pile-up height on the surface as denoted
by h,. In addition, the kinking of the constituent layer gradually in-
creases from the bottom to the surface region, which is denoted by the
interface kink angle ¢ (ranging from 0° to @ — «), as indicated in the
geometric model (Fig. 12¢). It is assumed that the deformation of each
layer can be represented by the stress and strain of the microelement
adopted from the SB, schematically shown in Fig. 12d. Then the change
of the right angle in the microelement represents the magnitude of the
shear strain for the i-th layer (Nb or amorphous CuNb layer), i.e.,
n=p-F @
Considering the geometry of the i-th deformed layer within the SB
(Fig. 12c¢), it is easy to find that:

T
vi=eita—3 @)

2

Thus, the maximum shear strain within the SB is mainly determined by
maximum ¢. Then, the maximum shear strain within the SB can be
written as:

T
Ymax = Pmax A — 5 (3)

2

The calculated shear strain of each constituent layer inside the SB
based on Eq. (2) is plotted in Fig. 13 for all samples. The positions of the

10

constituent layers are normalized by L;/L, where L; denotes the position
of the constituent layer with respect to the substrate while L indicates
the total thickness of each sample. For the Nb/a-CuNb composites with
internal SBs, only the strains of the SBs with significant shear defor-
mation were calculated, i.e., three SBs (i.e., SB1, SB2 and SB3) in both
100 nm and 65 nm samples, two SBs (i.e., SB1 and SB2) in 20 nm sample
and one SB (SB1) in 5 nm sample. Overall, the maximum shear strains of
the constituent layers inside the SB for h = 100 and 65 nm samples are
higher than that of the layers inside the SB for h = 20 and 5 nm samples
as distinguished by the two shaded areas in Fig. 13, which demonstrates
a more severe strain localization that occurred in samples with large
layer thicknesses. Besides, one can find that the maximum shear strain of
the 100 nm sample is higher than that of the 65 nm sample, while the
shear strain in the 5 nm sample is slightly higher than the 20 nm sample,
which indicates the non-monotonic size dependence of the shear
deformation as observed in the indentation morphologies in Fig. 6.

Furthermore, in order to more clearly characterize the non-
monotonic size-dependent shear deformation of the designed compos-
ites, the relationship between the degree of shear deformation and the
typical geometric parameters generated by the shear banding, i.e., wsp
and h,, is analyzed in the following. First, it can be noted that the kinking
of each constituent layer would induce a shear displacement along the
shear banding direction (schematized in the enlarged region in Fig. 12c),
which can be expressed by:

hi

Ax;j =
sin @

4

where h; denote the pile-up height of the i-th layer. According to
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Fig. 12. Mechanics model of the deformation in the shear band (SB). (a, b)
Cross-sectional HAADF-STEM images of the SB for the 100 nm (a) and 5 nm (b)
samples, respectively. (¢) Schematic diagram with parameter definitions of the
SB, where wgg is the width of the SB, h, is the surface pile-up height within the
SB, ¢ is the kink angle of the interface inside the SB, «a is the tilting angle of the
SB, h; denotes the pile-up height in the i-th layer induced by the SB, and Ax;
represents the shear displacement of the i-th layer. (d) The pure shear stress
state in the shear banding region, where 4 and §§ indicate the right angle before
and after deformation, respectively, as subjected to the shear stress.

geometric relation, the shear displacement for the i-th layer inside the SB
can also be given by:

WsB Wsg _ Wsp SIN@;

Ax; = =
i tan(mr —a — @,) tana sin asin(a + @;) )
Combining Eq. (4) and Eq. (5) yields:
h; sin g,
g=—t ’ ©

= Wsp - sin(a + ¢;)

Eq. (6) clearly shows that the ¢; is the function of ¢; since a is a constant
(~45°). Then by differentiating Eq. (6) with respect to ¢; we have

&)
;) sin*(a+ @)

sin o

)

Note that the right term of Eq. (7) is always positive considering that the
measured a and ¢ for all samples are in the range of (0, ©/2) and (0, &= —
a), respectively, thus ¢; is strictly monotonically increasing with respect
to ¢;. The above analysis demonstrates that & is proportional to the
magnitude of the interface kink angle ¢, which is quite consistent with
the relation between the shear strain y and ¢ (Eq. (2)). Therefore, the
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Fig. 13. Shear strain of the constituent layers within SBs of the Nb/a-CuNb
composites with h of 100 nm, 65 nm, 20 nm and 5 nm.

magnitude of ; can also be used to estimate the degree of shear defor-
mation for the i-th layer, in addition to shear strain y;. Moreover, since
the magnitude of ¢ is increased from the bottom to the top layer, and the
pile-up height h, induced by the SB corresponds to the pile-up height of
the top layer, then the maximum value of h;/wsp is:

hy, — sing,

B WsB B Sin(a + (pmax)

$ ()

The parameter ¢, is able to represent the degree of the shear deformation
for each SB.

As a consequence, the variation of SB width wgg, surface pile-up
height h, and their ration &, = h,/wsp as well as y,,,, with respect to
the layer thickness h are summarized in Fig. 14. It can be found that the
wsp of the samples with larger layer thickness is smaller than that with
smaller ones (Fig. 14a), which is consistent with the more severe
deformation localization occurred in the former. Besides, the shear
banding-induced surface pile-up height h, first decreases and then in-
creases with decreasing h, and reaches zero at h = 40 nm. This finding is
consistent with the non-monotonic shear instability behavior as detected
in Fig. 6. Moreover, it can be seen that the &, is consistent with the
maximum shear strain y,,,, and both in the 100 nm and 65 nm samples
are higher than that in the 20 nm and 5 nm samples (Fig. 14c), which
indicates a more severe deformation localization in samples with larger
layer thicknesses. In contrast, the values of ¢, in existing C/C composites
(Cu/Au [57] and Cu/Cr [61]) show a monotonic decrease with the in-
crease of the layer thickness, which is consistent with the monotonically
increased shear instability with the decrease of the layer thickness, as
reported in many C/C composites [36,59-61]. The above quantitative
analysis further demonstrates the non-monotonic shear instability
behavior of the Nb/a-CuNb composites. The proposed mechanics model
gives a normalized parameter, i.e., &,, to estimate the magnitude of the
shear strain which is able to characterize the degree of shear instability
of the NL metallic composites with different layer thicknesses, that is,
the smaller value of this parameter, the less severe of the shear
instability.

4. Discussion
4.1. Strengthening mechanism of the Nb/a-CuNb composites

Nanoindentation results have revealed (Fig. 5) that the hardness of
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Fig. 14. (a) The measured SB width (wsg) of samples with h = 100, 65, 40, 20 and 5 nm. (b) The surface pile-up height (h,) induced by the shear banding. (c) The
variation of &, and y,,,, with respect to the layer thickness. The data of the &, = h,/wsp detected in C/C composites (Cu/Au [57] and Cu/Cr [61]) are presented

for comparison.

the Nb/a-CuNb composites increases with the decreasing layer thickness
when h > 10 nm, and reaches a plateau value as h < 10 nm, showing a
significant size effect between hardness and layer thickness. Thus, the
potential strengthening mechanism of the Nb/a-CuNb composites will
be analyzed and discussed in the subsection.

Unlike the traditional single-phase materials, the plastic deformation
of which is accommodated through extensive dislocation nucleation and
propagation events, the plastic deformation in NL metallic composites is
typically governed by a few dislocation activities within the constituent
layers constrained by the hetero-phase interfaces. Hall-Petch scaling
law, 6och~1/2, has been frequently used to fit the strength of C/C metallic
composites (e.g., Cu/Nb [50], Mg/Nb [53]), Cu/Zr [54]) with a large
layer thickness (h > 50 nm) since the C/C interface has a strong barrier
for dislocation transmission due to the difference of the lattice constant
and the discontinuous slip system between the two constituent phases.
However, for the C/A multilayers with a layer thickness of a few tens of
nanometers, dislocation pileup is considered to be rare because the C/A
interface acts as the natural dislocation sink, and the dislocation arriving
at the interface is easily absorbed by the C/A interface [8,62]. For
example, Wang et al. [8] have demonstrated that no dislocation pileup is
observed in Cu layers of the 35 nm Cu/5 nm amorphous CuZr NL
composites at any strains during tension tests. Furthermore, their sim-
ulations showed that the deformation process is mediated by the dislo-
cation slip in a plane which is subsequently absorbed by the C/A
interface. Thus, for the present Nb/a-CuNb composites, the confined
layer slip (CLS) model [50] which involves the glide of a single
Orowan-type dislocation bounded by two hetero-interfaces within the
soft crystalline layers is used to described the strengthening behavior.
Based on the CLS model, the stress required to drive a single dislocation
glid in the Nb layer can be expressed as [50]:
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where M = 3.06 is the Taylor factor, b, v and u are the Burgers vector,
Poisson ratio and shear modulus of the Nb layer, respectively, h denotes
the distance between adjacent interface parallel to the slip plane (h =
h/sin 0, where 0 is the angle between (110) slip plane and interface, i.e.,
60°), a is a parameter related to the width of dislocation core (« is in the
range of 0-1 [50]), f is the characteristic interface stress of the NL
composites (for C/A composites, f is adopted to be 0.5-1.1 J/m? [63]), L
is the spacing between the interfacial dislocation arrays. Subsequently, it
can be seen that the CLS model prediction shows a good agreement with
the experimental data as 10 < h < 100 nm (Fig. 15) by taking the pa-
rameters M = 3.06, y= 44 GPa (calculated based on the nanoindentation
measured elastic modulus of Nb films), b= 0.2858, v= 0.4 [64], a=
0.12,f=1.1J/m?, and L = 10.3 nm. However, the CLS model prediction
deviates significantly from the experimental values as h < 10 nm, in
which the hardness exhibits almost size independence, i.e., the CLS
mechanism is invalid at that scale.

Extensive researches [50,65] have suggested that the
size-independent peak strength of the NL composites is determined by
the barrier strength of the interface for slip transmission, behind which
the physical mechanism is that a single dislocation developed in the
composites can cross the interfaces. According to previous studies [66,
671, the barrier strength of the interface for NL composites is determined
by Koehler stress (zx) generated by the modulus difference of the two
constituent phases, lattice parameter mismatch induced coherency
stress (z.), the barrier stress associated with mismatch dislocation at the
interface (z4), and the barrier stress originating from the difference in
stacking faults energy (zspg) of the component phases when stacking
fault bounding the partials as the leading partial moves into the next
constituent layer. Therefore, the barrier strength (z;z5) of the interface
can be expressed as:

Tips =Tk + Te + Ta + Tsre (10)
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Fig. 15. The flow strength of the Nb/a-CuNb composites, estimated as the
measured nano-hardness divided by a factor of 2.7, as a function of the layer
thickness h. The CLS model (o¢s) is used to fit the strength of the samples with
10 < h < 100 nm. The curve of 6sp denotes the variation of the stress required
for shear band (SB) propagation in the amorphous layer with its geometry
characteristic size (here refer to layer thickness).

For the present Nb/a-CuNb C/A composites, 7., 74 and 7sp; can be
ignored because (i) the C/A composites do not exist lattice mismatch
between the crystalline and amorphous phases; (ii) there is absence of
stable stacking faults in the BCC metals and the deformation is domi-
nated by the motion of screw dislocations [68]. Thus, the barrier
strength (z;35) of the Nb/a-CuNb interface is mainly determined by the
Koehler stress, which is expressed as [66]:

Tk =

iy (py — py)sin 0

11
(Hy + py)87 an

where y; and u, are the shear modulus of the Nb and amorphous CuNb,
respectively. 0 is the smallest angle between the interface and the glide
planes of the Nb layer, i.e., 60° for Nb (110). According to Wang et al.
[69], the shear modulus of MGs can be estimated by dividing the elastic
modulus by a factor of 2.61. Thus, y, is calculated to be calculated to be
49.4 GPa by using the measured elastic modulus of the amorphous CuNb
(129 GPa). As a consequence, 7;ps = 0.088 GPa, which corresponds to a
normal stress of 0.27 GPa by multiplying a Taylor factor of 3.06. This
value is significantly lower than the experimental peak strength (3.17
GPa) of the Nb/a-CuNb composites. This finding suggests that the C/A
interface is relatively weak in resistance to dislocation transmission
compared to C/C interfaces, and dislocation can easily approach the C/A
interface and be absorbed due to the small image force [70].

In fact, the dislocation-dominated deformation in crystalline layers
of the C/A composites may transform to STZs-dominated ones in the
amorphous layer as the layer thickness h is decreased to several nano-
meters because the flow strength of the crystalline layer could be higher
than that of the amorphous one at that scale, as suggested by Abboud
et al. [55]. It can be found that with a further reduction of the layer
thickness (h < 10 nm, see region III in Fig. 15), the crystalline Nb phase
is stronger than the amorphous one since ocrs > 6, cunp- Thus, the
deformation of the composite is dominated by the amorphous phase
instead of the crystalline Nb layers. Experiments have shown that the
strength of the amorphous solids does not show an obvious size effect
because of the nature of the disordered structure [71], which can be
responsible for the size-independent peak strength/hardness for the
Nb/a-CuNb composites at h < 10 nm.
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4.2. The size-dependent shear banding behavior

Based on the microindentation results and the corresponding quan-
titative analysis on the shear deformation, an interesting size effects of
the shear banding behavior have been found in the Nb/a-CuNb com-
posites, i.e., (i) When h is larger than 40 nm, a cutting-like shear banding
is formed in the composites (Fig. 8), and the degree of the shear insta-
bility decreases with decreasing h. (ii) Homogeneous plastic deforma-
tion appeared in the sample with medium layer thickness, i.e., 40 nm
(Figs. 9 and 10). (iii) When h is less than 40 nm, shear instability in the
form of kinking-like shear banding occurs in the composites (Fig. 11),
and the degree of its shear instability increases as h decreases. These
results indicate a non-monotonic shear instability behavior in the Nb/a-
CuNb composites with decreasing h. Next, we provide a quantitative
analysis and explanation for the experimental results that revealed a
significant transition in the deformation modes related to the layer
thickness in the Nb/a-CuNb composites.

4.2.1. Cutting like shear banding vs. homogeneous deformation

Recent simulation [62] suggests that the accommodation of plastic
strain in C/A composites is initiated through the emission of dislocations
near regions of the high atomic slip associated with STZs activity. With
deformation processing, dislocations are absorbed into the amorphous
layers via slip transfer across the C/A interface, which in turn activates
more STZs in a correlated fashion near the C/A interface, a typical
nucleation site of the embryonic SB [8,62,70]. Furthermore, experi-
ments [71-73] have demonstrated that the stress required for SB for-
mation and propagation in MGs is strongly dependent on their geometric
size, e.g., the diameter of the micropillar and the thickness of the MGs.
By analogy with Griffith’s criterion for crack propagation, the critical
stress required for a SB propagation is expressed as [71,72]:

2V2ET
h

Osp — (12)

where E is the elastic modulus, I' is the energy per unit area of SB, and h
is the layer thickness. The value of I" can be estimated by equating the
work done on the SB to the increase in energy within the SB [72]. Pre-
vious study [74] suggested that the critical size for SB formation in MGs
and the SB width belongs to the same length scale. Thus, here the critical
size for SB formation in amorphous CuNb is adopted to be 30 nm based
on the measured minimum SB width in the sample with h = 100 nm,
which is in the range of the SB width for most MGs (10-100 nm) [75]
and is close to the predicted minimum pillar diameter (~30 nm) for SB
propagation in Zr-based MG [73]. By using the flow stress of the
amorphous CuNb (3.13 GPa), h = 30 nm and E = 129 GPa, Eq. (12)
yields I' = 0.81Jm~2, which is close to the I' value (0.56 Jm’z) for the
Cu-based Cu47Ti332r11Ni6Sn28i1 MG [71].

Consequently, the critical condition for SB formation in the Nb/a-
CuNb composites is given by the intersection between the curves of
ocLs and ogp, as plotted in Fig. 15, yielding a critical layer thickness (h¢1)
of ~45 nm. This result indicates that at h > 45 nm the stress required for
SB initiation in the amorphous phase is lower than that for CLS in the
crystalline one, i.e., 6sp < ocs (see region I in Fig. 15), hence SBs can
initiate and propagate in the amorphous layer which eventually gener-
ates the cutting-like shear banding in the composites, as observed in the
h =100 and 65 nm samples (Fig. 8). This process is similar to the SB
formation and propagation in metallic glasses [71]. If the layer thickness
is decreased below a critical value, i.e., h < 45 nm, where the stress
required for SB initiation in the amorphous phase is larger than that for
CLS in the crystalline one, i.e., osp > ocLs, the deformation of the com-
posite is governed by the crystalline Nb layer in which CLS operates (see
region II in Fig. 15). According to the findings of Misra et al. [76,77] in
Cu/Nb layered composites, CLS can produce homogeneous deformation
in the Nb layers. Simultaneously, the confined space in thin layers leads
to homogeneous plastic flow in amorphous phases due to the
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suppression of the SB formation as below a critical size (~30-100 nm)
[72,73]. As a result, co-deformation occurs in the 40 nm sample (Fig. 9).

4.2.2. Homogeneous deformation vs. kinking like shear banding

The microindentation experiments have shown that kinking-like
shear banding becomes predominant with the layers refining below
40 nm (Fig. 11). This kinking-like SB has also been observed in Cu/Au
layered composites with layer thickness below 50 nm [57,61]. This
transition from homogeneous deformation to kinking deformation is
mainly attributed to the following two possible factors: (i) the two
constituent phases are prone to shear with decreasing layer thickness;
(ii) the C/A interfaces can slide easily in response to shear stress. With
regard to the first scenario, it can be accepted that the dislocation ac-
tivities and slip systems activated in the crystalline Nb layers would
decrease gradually with the reduction of layer thickness. If a resolved
shear stress favors one special slip system in the Nb layers, unbalanced
slip activities within the layers can cause rotation of the layered inter-
face plane [40]. The situation of the amorphous CuNDb layer is different,
which undergoes a homogeneous plastic flow at that scale. Thus, the
amorphous layer is able to accommodate the rotation of the crystalline
layers. Consequently, when the resolved shear stress along the interface
reaches the stress necessary for plastic shear, kinking can occur through
the cooperative rotation of the constituent layers (Fig. 16). This kinking
is similar to the kink band formation in the 30 nm Cu/Nb NL composites
as subject to a uniaxial compression stress parallel to the interface [44].

The second potential cause, interface sliding, may stimulate the
kinking in C/A composites considering that the C/A interface has
random structural variations, leading to interfacial regions with weak
shear strengths that are susceptible to sliding [8]. If the interface plane is
relatively weak in shear, the rotation could be sufficient for the resolved
shear stress on the interface to facilitate interfacial slip [40]. Thus, the
kink-like SB can be attributed to the unbalanced slip events-induced
inhomogeneous deformation in those samples with small layer thick-
ness, which leads to the rotation of the interface. This process is further
facilitated by the easy sliding of the C/A interface with weak shear
strength. Consequently, the increased shear instability as h decreases
from 20 to 2 nm results from the degraded deformation ability of the
crystalline layer because of the refined grain size and the increased
interface intensity that promotes the cooperative kinking of the con-
stituent layer. The critical size of this kink-like SB formation remains to
be determined since the slip system within the polycrystalline layer is
complex.
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Based on the above discussions, it can be concluded that the com-
bination of the size-dependent plasticity of the amorphous and crystal-
line layer leads to the strong size dependence of the shear banding
behaviors of the Nb/a-CuNb composites. In particular, the homogeneous
deformation achieved in Nb/a-CuNb composites is anticipated to be
realized in other C/A composites by tunning the layer thickness of the
BCC phase to trigger the CLS mechanism and controlling the layer
thickness of the amorphous phase to induce uniform initiation of the
STZs. It is emphasized that the thickness of the amorphous layer should
not be too small, which would weaken its ability to absorb the incoming
dislocations from the crystalline layer [78], possibly leading to inho-
mogeneous plastic deformation.

4.3. Effects of ductile BCC metals on the mechanical performances of C/A
composites

Our microindentation experiments and the corresponding quantita-
tive analysis reveal a non-monotonic shear instability behavior of the
Nb/a-CuNb composites with decreasing layer thickness from 100 to 2
nm, resulting in a homogeneous deformation at h = 40 nm. This phe-
nomenon has not been reported in FCC/A composites [16], which sug-
gests the advantage of ductile BCC metals over FCC ones for suppression
of shear instability in crystalline-amorphous composites.

Unlike the traditional FCC metals (e.g., Cu, Au), in which the dislo-
cations can easily split into ribbons separated by stacking faults and the
entire dislocation is constrained onto the same {111} planes preventing
cross-slipping [79], there are no stable stacking faults in BCC metals, the
plasticity behavior of BCC metals is controlled, to a large extent, by the
motion of screw dislocations [68]. Since the core of screw dislocations is
relatively compact, the preference to gliding on any particular system of
slip planes is less distinct, resulting in the screw components of a
dislocation loop are not restricted to any single glide plane and can
therefore move in multi-planar to cross-slip processes [68,80]. Besides,
by using molecular dynamics and dislocation dynamics simulations,
Weinberger and Cai [81] demonstrated that a single dislocation nucle-
ation event in BCC pillars is able to produce a much larger amount of
plastic deformation than that in FCC pillars through the dislocation
self-multiplication mechanism. Therefore, it can be speculated that
despite very low initial dislocation densities present in both nanoscale
FCC and BCC layers in the C/A composites, their evolution paths would
be significantly different from each other. In FCC layers, mobile dislo-
cations annihilate at the C/A interface upon the applied stress, causing
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Fig. 17. The log-log plot of flow stress as a function of layer thickness h rep-
resenting the scaling laws for BCC/A (Nb/a-CuNb) and FCC/A (Cu/a-CuNb
[18], Cu/a-CuZr [54]) composites.

the overall dislocation density to decrease, and the associated increase in
applied stress is further controlled by nucleation of new dislocation
sources. This process of rapid dislocation emission and absorption is
considered as a fundamental instability in plasticity at the nanoscale
[82]. In BCC layers, however, a single dislocation can replicate itself and
leave behind debris in response to the applied stress due to the
self-multiplication mechanism in nanoscale BCC metals [81], which
would enhance the resistance to plastic instability.

These different dislocation process between FCC and BCC metals
generally results in a more significant increment in flow strength in FCC
than BCC metals with the reduction of their geometric size (diameter of
the nanopillar or layer thickness) [82], which can be confirmed by the
log-log relation between the flow strength and the layer thickness for the
present BCC/A (Nb/a-CuNb) and FCC/A (Cu/a-CuNb [18], Cu/-CuZr
[54]) systems are plotted in Fig. 17. Here the data for these C/A com-
posites is adopted with h > 40 to ensure that the flow strength is
completely dominated by dislocation activity at that scale. It can be seen
that both systems exhibit a power-law trend but a difference scaling
slop, i.e., —0.068 for Nb/a-CuNb, —0.11 for Cu/a-CuNb, and —0.19 for
Cu/a-CuNb composites, demonstrating that a more pronounced dislo-
cation associated size strengthening effect in FCC/A than BCC/A com-
posites, which is consistent the discussed dislocation mechanism before
and agree well with the trend revealed in FCC and BCC nanopillar tests
[82]. The higher absolute flow strength for BCC/A than FCC/A com-
posites can be attributed to the higher lattice resistance to dislocation
motion, i.e., Peierls stress, in BCC metals. Finally, based on the present
experimental findings and discussions, a possible criterion for designing
strong and ductile C/A composites can be captured, i.e., selecting a
ductile BCC phase with a layer thickness of around tens nanometers
(~40 nm) and refining the amorphous layer to prevent the formation of
a mature SB to achieve both high strength and homogeneous plastic
deformation.

5. Concluding remarks

In summary, a series of Nb/a-CuNb NL composites with various h
(2-100 nm) were fabricated by magnetron sputtering. The size depen-
dence of the hardness and shear instability behaviors of the composites
were systematically investigated by nano and micro-indentations. A
mechanics model has been proposed to quantify the shear instability of

15

Materials Science & Engineering A 891 (2024) 145919

all the composites. The deformation mechanisms of the strong size
dependence in the strengthening and resistance to shear instability are
clarified. The main results are summarized as follows:

(1) The hardness of the Nb/a-CuNb composite as h > 10 nm can be
well described by the CLS model based on the mechanism of
single dislocation bowing out in the confined layer. Ath < 10 nm,
the hardness nearly reaches a plateau (8.57 GPa) and remains
unchanged with the further decrease of h, which is comparable
with the hardness of the amorphous CuNb film (8.45 GPa). Be-
sides, compared with the FCC/A and HCP/A NL composites, the
newly designed Nb/a-CuNb composites, i.e., BCC/A system,
achieved a much higher peak hardness (8.57 GPa), which is 87 %
and 53 % higher than the peak hardness of the Cu/CuNb and Zr/
CuZr composites, respectively.

Based on the microindentation tests, a non-monotonic shear
banding behavior was observed in the Nb/a-CuNb composites
with decreasing layer thickness. Two typical shear banding
modes are detected. Specifically, a cutting-like shear banding was
formed in the Nb/a-CuNb composite as h > 40 nm, which was
associated with the formation and propagation of the SB initial-
ized in the amorphous layer, and the degree of shear instability
decreases with decreasing h in this region. The shear banding was
completely suppressed in the Nb/a-CuNb composite with h = 40
nm which exhibited a homogeneous plastic deformation between
constituent layers. This homogeneous deformation can be
attributed to the activation of the CLS mechanism in the crys-
talline Nb layer and the uniformly distributed shear trans-
formation zones in the amorphous CuNb layer. However, a
kinking-like shear banding behavior was observed in the com-
posites with h < 40 nm, and the degree of shear instability in-
creases with decreasing h. This shear banding behavior is
ascribed to the cooperative kinking of the constituent layers at a
small thickness.

@

These findings may shed some light on the systematic and compre-
hensive understanding of the size-dependent mechanical properties of
C/A NL composites and provide possible guidance for the design of
novel composites with outstanding mechanical performance such as
ultra-high strength and superior plasticity due to the significantly sup-
pressed shear instability by tailoring the layer thicknesses of the con-
stituent crystalline and amorphous phases.
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